Using molecular dynamics simulations with an embedded-atom interatomic potential, we study the effect of chemical composition and uniaxial mechanical stresses on the martensitic phase transformation in Ni-rich NiAl alloys. The martensitic phase has a tetragonal crystal structure and can contain multiple twins arranged in domains and plates. The transformation is reversible and is characterized by a significant temperature hysteresis. The magnitude of the hysteresis depends on the chemical composition and stress. We show that applied compressive and tensile stresses reduce and can even eliminate the hysteresis. Crystalline defects such as free surfaces, dislocations and anti-phase boundaries reduce the martensitic transformation temperature and affect the microstructure of the martensite. Their effect can be explained by heterogeneous nucleation of the new phase in defected regions.
Introduction
NiAl alloys are technologically important materials due to their high strength and oxidation resistance at high temperatures. In addition, NiAl alloys display the shapememory effect due to a martensitic phase transformation from the cubic B2 structure (CsCl prototype) at high temperatures to a tetragonal L1 0 structure (CuAu prototype) at low temperatures. This transformation is experimentally observed only in Ni-rich compositions Ni x Al 1−x with x = 0.62-0.69. Upon cooling, the high-temperature phase called austenite transforms to the low-temperature phase called martensite. This transformation is often referred to as diffusionless or displacive because it occurs by relatively small and highly correlated atomic displacements that do not involve diffusion. This transformation is first order and exhibits a significant temperature hysteresis whose magnitude depends on the heating and cooling rates, the microstructure in the samples and other factors. The hysteresis loop is usually characterized by the difference between the martensite-start temperature M s determined during the cooling and the austenite-finish temperature A f during the inverse transformation upon heating.
The martensite usually has a heavily twinned structure composed of multiple plates [1] . This twinned structure is sometimes interpreted as a crystallographically distinct 7R structure [2, 3] , although this interpretation of diffraction patterns is considered misleading [4] .
Several authors applied molecular dynamics (MD) and Monte Carlo simulations to study mechanisms of the martensitic transformation in NiAl, see for example [5] [6] [7] [8] [9] [10] [11] . These studies have demonstrated the reversibility of the transformation, the temperature hysteresis and the effect of applied stresses. They have also revealed a strong effect of free surfaces, grain boundaries, dislocations and other elements of microstructure on the phase nucleation and growth during the transformation. It is known, however, that reliability of atomistic simulations depends on accuracy of semi-empirical interatomic potentials used in the simulations [12] . We have recently developed an accurate and reliable interatomic potential for the Ni-Al system based on a large database of experimental as well as first-principles data [13] . Although the potential reproduces the phase stability behavior across the NiAl system, it has not been tested for the ability to reproduce the martensitic transformation in NiAl.
The goal of this paper is to demonstrate that the potential of [13] reproduces the martensitic transformation in NiAl, and to perform a systematic study of the effect of chemical composition and applied uniaxial stresses on the transformation temperatures. We also verify the formation of twinned martensite, including martensite plates, and demonstrate the effect of lattice defects on the transformation temperature due to heterogeneous phase nucleation in defected regions.
Methodology
Atomic interactions in the Ni-Al system were modeled with the embedded-atom potential developed in [13] . The potential is fit to a set of experimental and ab initio data for B2-NiAl and formation energies of several alternate crystalline structures with the NiAl, Ni 3 Al and NiAl 3 compositions. The potential accurately reproduces a number of physical properties of B2-NiAl and L1 2 -Ni 3 Al that were not used during the fitting process, including phonon frequencies, surface energies, stacking fault energies, thermal expansion and melting temperatures of the phases.
The starting configuration of our simulations was a rectangular block containing perfectly stoichiometric B2-NiAl with periodic boundary conditions in all directions. The block contained 6000 atoms and had the crystallographic directions [110], [110] and [001] aligned parallel to the x, y and z coordinate axes, respectively. To produce offstoichiometric samples, the initial block was subjected to semigrand canonical off-lattice Monte Carlo simulations at 1200 K with zero-stress boundary conditions in all directions. By adjusting the imposed chemical potential difference between Ni and Al, several equilibrium Ni-rich compositions were created. From the set of snapshots saved during the Monte Carlo simulations, samples with the following chemical compositions were selected for subsequent MD simulations: 50.02, 60.00, 62.50, 65.08, 66.98 and 69.50 at.% Ni. For brevity, these samples will be referred to as Ni50, Ni60, Ni63, Ni65, Ni67 and Ni69, respectively. Note that this sample preparation procedure captures the long-range as well as shortrange order in the austenitic phase, by contrast to the random distribution of extra Ni atoms on the Al sublattice implemented in previous studies [6-9, 14, 15] .
Our MD simulations employed the IMD code [16, 17] implementing various boundary conditions and statistical ensembles. The integration step was 2 fs. To study the effect of temperature and stress on the transformation, we applied all-periodic boundary conditions and the NPT ensemble imposing a fixed temperature and fixed stresses σ ii in directions of the coordinate axes. The initial configuration of the MD simulations was taken directly from the Monte Carlo simulations at 1200 K. This configuration was thermally equilibrated by a short MD run at 1200 K, cooled down to 0 K, and then heated up back to 1200 K. The heating and cooling rates were constant and equal to 10 11 K s −1 . During the heating-cooling cycle, a uniaxial tension or compression in the [001] direction was applied by imposing a constant stress σ zz = 0 with σ xx = σ yy = 0. In several cases, more complex heating-cooling-loading protocols were used as will be discussed below. To test the effect of crystalline defects on the transformation, the 6000-atom block was multiplied in all directions to create a larger block containing up to 384 000 atoms. Defects were introduced in this large block and appropriate modifications of the boundary conditions were made (section 3.3). The structures formed during the phase transformations were examined using visualization techniques based on common-neighbor analysis.
Simulation results

Bain path calculations
Before simulating the phase transformation directly, we found it useful to compute the energy along the so-called volumerelaxed Bain path between the austenite and martensite for different alloy compositions. To this end, a snapshot with an appropriate chemical composition was taken from the Monte Carlo simulations at 1200 K and quickly (within a few tens of picoseconds) cooled down to 0 K. During the cooling process, the volume of the simulation block was allowed to vary by isotropic compression or expansion while preserving the cubic shape of the block. The fixed cubic shape prevented the transformation from happening, resulting in single-crystalline B2 structure with the chosen chemical composition. The block was then deformed by small increments of either tension or compression in the [001] direction. After each increment of deformation, the block was relaxed by an NPT MD run for 40 ps at 10 K. During the relaxation, the volume was allowed to vary to achieve zero hydrostatic stress whereas the c/a ratio remained fixed. Figure 1 shows the average energy per atom plotted as a function of c/a for six chemical compositions. For clarity, the energies are plotted relative to stoichiometric B2-NiAl (c/a = 1) at 0 K. The stoichiometric composition shows a single energy minimum at c/a = 1. As Ni concentration increases, the minimum becomes increasingly more shallow and the curve develops shoulders of either side of the B2 structure. For the Ni65 composition, the right shoulder transforms to a very shallow minimum at c/a ≈ 1.22, signifying the formation of a metastable tetragonal structure halfway between the ideal B2 and ideal L1 0 structures. In the Ni67 and Ni69 alloys, the B2 structure becomes unstable (the energy has a maximum at c/a = 1 instead of a minimum) while two minima appear at c/a ≈ 0.92 and 1.25, the latter minimum being deeper than the former. Examination of the relaxed crystal structures reveals that the right-hand side minimum corresponds to a single-crystalline tetragonal phase. Although the tetragonality is smaller than the ideal √ 2, this non-ideal structure will be referred to for brevity as L1 0 or L1 0 -type. The minimum on the left-hand side results from the formation of twinned L1 0 structure under uniaxial compression. Thus, this minimum does not represent a new phase.
The Bain path calculations displayed in figure 1 allow us to make the following predictions: (i) for compositions around 65%Ni and higher, B2-NiAl can form an L1 0 -type martensitic structure under a sufficiently high tensile strain applied in direction, the martensite is likely to form a twinned structure. These predictions will be tested by direct MD simulations below.
Uniaxial stress-induced martensitic transformation
Figure 2 demonstrates typical temperature dependencies of the block dimensions and energy during the cooling and heating of the 67%Ni alloy under tension. During the cooling, all three dimensions suddenly change and the energy drops at a temperature of about 240 K. This temperature can be identified as the martensitic transformation point. During the continued cooling the block dimensions and energy continue to vary slowly until we reach 0 K. At the martensitic transformation point, the block size L z in the tensile direction abruptly increases by approximately 12% whereas the sizes in the perpendicular directions, L x and L y , decrease by about 6%. This tetragonal deformation is consistent with the c/a ratio of approximately 1.2 in the martensitic structure. Upon subsequent heating of the simulation block, its dimensions and energy retrace their cooling values and vary smoothly until about 490 K when they begin to change very rapidly. When the temperature reaches 500 K, which can be identified as the austenite-finish temperature, the block dimensions and energy recover their values on the cooling branch and stay on it as the heating continues.
The behavior of the block dimensions and energy shown in figure 2 clearly demonstrates (i) the existence of a hysteresis and (ii) full reversibility of the martensitic transformation. A similar behavior was observed for all other chemical compositions and tensile loads studied in this work. In some cases, the cooling did not produce a martensitic transformation and the austenite structure remained stable at 0 K.
To quantify the phase transformation temperatures, the rates of change of one of the block dimensions during the heating and cooling were computed numerically. When a transformation occurred, this rate displayed a sharp peak in the temperature interval of the transformation. This peak was fitted by a Gaussian function with an adjustable position T * , height H and half-width s. The temperatures T * − 2s for cooling and T * + 2s for heating were taken as the M s and A f points, respectively. The magnitude of 2s was typically about 10-15 K.
The computed M s and A f temperatures are plotted as functions of stress in figure 3 . As the magnitude of stress increases, both temperatures increase for both tension and compression. Simultaneously, the temperature hysteresis narrows until M s and A f merge into a single transformation temperature at high stresses. Note that the M s branches computed under tension and compression do not join at zero stress. Instead, the curves reach T = 0 at a positive and negative stresses, respectively. Thus, for the chosen chemical compositions and under the simulation constraints existing in this study (such as the relatively small block size and high cooling rate), the martensitic transformation was not observed during stress-free cooling of periodic simulation blocks. It was only observed when the magnitude of the applied stress reached a certain value. For the Ni65, Ni67 and Ni69 compositions, the martensitic structure produced by cooling under sufficiently high stresses remained stable after the stress was removed at 0 K.
The stability of stress-free martensite but inability to produce it directly by stress-free cooling can be explained by the existence of a significant energy barrier between the phases and by constraints imposed by the boundary conditions of the simulation block.
The barrier of homogeneous nucleation cannot be overcome by thermal fluctuations at low temperatures, resulting in quenched austenite. The applied stresses reduce the barrier and assist the austenite in overcoming it. Once the martensite has formed, it remains stable even without stress. In such cases, the reverse (austenitic) transformation was readily observed by heating the martensite with or without stresses. This explains why the tensile and compressive branches of the computed A f values join at zero stress ( figure 3) .
By contrast, for the Ni63 composition, the martensite formed under stress was found to spontaneously transform back to austenite when the stress was removed at 0 K. This shows mechanical instability of unstressed martensite at low Ni concentrations, which is in agreement with our predictions based on the Bain path calculations (section 3.1). As a consequence, there is a certain range of stresses around zero in which neither M s nor A f could be determined for the Ni63 composition. Another interesting observation is that the martensite obtained under tension and compression has different structures and forms by different mechanisms. Tension produces a single-variant L1 0 structure with the c-axis aligned along the tensile direction [001]. The transformation occurs by homogeneous tetragonal distortion of the austenite along the Bain path. By contrast, compression always results in a twinned structure composed of two crystallographic variants of L1 0 (see example in figure 4) . The twin-boundary planes were found to be parallel to (110) B2 in some samples and (110) B2 in others. Both orientations are equivalent by crystal symmetry and one of them is chosen by the system at random. By comparing atomic positions before and after the transformation, it was evident that the twinned structure formed by deformation and modulated shear displacements (shuffling) of parallel {110} B2 planes.
It is interesting to examine the crystallographic orientation across twin boundaries. It is expected that the angle between the former {100} planes of austenite on either side of the twin boundary must deviate from 90
• . This is explained in the schematic diagram of twin formation shown in figure 5(a) . Two crystallographic variants of martensite form out of cubic austenite by tetragonal distortion (c/a > 1) in different 100 directions. In order to form a twin boundary on a {110} plane, these variants must rotate towards this plane by equal angles α/2 and close the gap of vacuum. Due to this rotation, the angle between the {100} planes becomes β = 90
• + α, i.e. larger than 90
• . Specifically,
Figure 5(b) shows an example of a twin boundary in a Ni65 sample. Using the measured angle β = 101.3
• and solving equation (1) for the tetragonality ratio gives c/a = 1.22. This number is in excellent agreement with the Bain path calculations (see section 3.1 and figure 1 ). Similar measurements on other twin boundaries give equally encouraging agreement.
Effects of crystalline defects on the transformation
In order to assess the possible effect of open surfaces on the transformation, simulations were performed by cooling large Ni65 and Ni69 austenite samples with (110) surfaces exposed to vacuum. The simulation blocks contained approximately 10 5 atoms and were cooled at the same rate as the 6000-atom blocks discussed previously. Figure 6 shows an example of martensitic structure formed in a Ni65 sample containing 384 000 atoms. Two important features are observed. First, while unstressed austenite does not undergo a martensitic transformation in a periodic block (cf figure 3(b) ), it does clearly display a transformation in a stress-free block with an open surface. Furthermore, the transformation is initiated at the surface and propagates in the normal direction by rapid migration of a plane austenite/martensite interface. This observation confirms that, in a defect-free material, the transformation can be delayed or even suppressed by a large barrier of homogeneous nucleation. By contrast, heterogeneous nucleation at a free surface lowers the barrier and enables the transformation on the timescale of MD simulations. Second, while the martensite formed in relatively small blocks contains only two crystallographic variants and one set of twin boundaries, simulations in larger blocks produce multiple domains (plates) of twinned martensite. The set of domains shown in figure 6 comprises all three possible variants and all six possible twin-boundary orientations. This demonstrates the significant effect of the system size on the microstructure formed during atomistic simulations of martensitic transformations. Other examples and discussions of this effect can be found in [6] [7] [8] 18] .
We have also performed simulations by introducing a [001] dislocation dipole or a {110} anti-phase boundary in a large block with periodic boundaries.
In both cases, the martensitic transformation occurred during stressfree cooling of the austenite.
The martensitic phase nucleated in the dislocation core region or at the antiphase boundary, confirming again the predominance of heterogeneous nucleation. The respective M s temperatures for the Ni69 composition are shown in figure 3(d) . Note that a stress-free transformation was not observed in defect-free blocks with this composition.
Conclusions
This work demonstrates that the embedded-atom potential developed in [13] is very suitable for atomistic simulations of the martensitic transformation in NiAl and can be used in future work.
We have applied this potential for a systematic study of the effect of chemical composition and uniaxial stresses on the transformation temperatures M s and A f (figure 3). It has been shown that the stresses narrow the hysteresis loop A f -M s and can close it under sufficiently high tension or compression. At a fixed stress, decreasing the Ni concentration reduces both M s and A f and eventually suppresses the transformation.
We find that the martensite typically has a twinned structure with a high density of twin boundaries. This structure effectively accommodates the large transformation strain by alternating the shear directions from one twin to the next. The twinned regions form plates and other types of domains that further reduce the strain energy. The relation between the twin formation and the transformation strain is further confirmed by the excellent agreement between the c/a ratio in the martensite and the plane misorientation angles across the twin boundaries (figure 5).
We observe that the microstructure formed as a result of the transformation is influenced by existing crystalline defects. Such defects serve as martensite nucleation sites and tend to reduce the transformation temperatures and stresses in comparison with defect-free material.
The heterogeneous nucleation mechanism explains why we do not see the transformation in defect-free simulation blocks unless a sufficiently high stress is applied, even when stress-free The cubic austenite forms two crystallographic variants of tetragonal martensite, which then join along a {110} plane to form a twin boundary. To close the gap of vacuum, the variants must rotate by an angle α. As a result of this rotation, the former {100} planes of austenite make an angle β larger then 90
• . (b) Projected view of the twinned structure presented in figure 4 , showing the angle β = 101.3
• .
martensite is more stable than austenite. Real experimental samples contain defects, internal stresses, and are likely to have a significant variability of local chemical composition. These factors favor the martensitic transformation. This can explain why this transformation is observed experimentally even in 62%Ni alloys, whereas observations of this transformation in atomistic simulations require larger Ni concentrations or significant stresses.
